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Abstract

Polyethylene made with a nickel–diimine catalyst was studied in order to understand the relationship between molecular structure and
dynamic mechanical properties. Different branch lengths, from methyl to longer, and their contents in these ethylene homopolymers,
dramatically affects the crystallinity of these polyethylene samples, as shown by differential scanning calorimetry (DSC) and crystallization
analysis fractionation (CRYSTAF).Tm and CRYSTAF profiles are related not only to the branch content but also to the distribution on the
chain. The dynamic mechanical thermal analysis showed three different groups of materials, where the stiffness varies according to the short-
chain branching (SCB) content. Polyethylenes with high SCB showed a strongb-transition (tand . 1) despite the lack of any detectable
crystallinity. q 2001 Elsevier Science Ltd. All rights reserved.
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1. Introduction

One of the main advances in the polyolefin technology in
the last decade was the use of single-site metallocene cata-
lysts to produce a new variety of ethylene anda-olefinic
copolymers [1]. It enables polyolefinic materials to
strengthen their presence in the fields of elastomer and plas-
tomer. This is the case of materials such as Engage or
Afinity produced by Insite Dow technology [2]. These cata-
lysts permit to improve control of molecular weight (MW),
molecular weight distribution (MWD) and short-chain
branching (SCB), which can be used to enhance the perfor-
mance of the final product.

Recently, Du Pont developed the Versipol process, where
olefins are polymerized with nickel–diimine complexes as
catalyst precursors [3]. These catalysts can make branched
ethylene homopolymers in the absence of anya-olefin as
comonomer [4,5]. Short-chain branches are produced
through the chain walking mechanism, with no comonomer
addition, and the degree of branching can be controlled by
reaction parameters such as polymerization temperature,
ethylene pressure and type of catalyst precursor and co-
catalyst [6–8]. 13C NMR studies showed that methyl to
hexyl branches, or longer, were produced [9,10], although

methyl branches were predominant. A detailed Monte Carlo
model has been recently proposed to simulate polymeriza-
tion and short-chain branch formation with these catalysts
[11].

The effect of branching in polyethylene has been studied
in detail and it is of crucial importance in understanding and
predicting polyolefin properties [12]. The presence of chain
branches decreases the size of the linear, crystallizable,
sequences in the backbone, i.e. the size of the lamella thick-
ness [13] thus modifying the morphology and the degree of
crystallinity [14]. The size of –CH2– sequences with mini-
mum length to crystallize at a given temperature determines
if the lamellar structure is feasible or not. The fringed
micelle structure is formed when the methylene sequences
are not long enough to form the lamellar structure. Poly-
olefins containing a very high number of branches are pre-
dominantly amorphous although bundled-like crystals might
be present [15,16]. It has been also shown that some types of
short branches, specially methyl or ethyl, could lead to inter-
stitial lattice imperfection [17–19]. The amorphous phase is
also affected by chain branches. Polyethylenes containing
branches of at least two carbons had increased concentration
of tie-molecules [20], which can be beneficial to properties
such as environmental stress crack resistance [21,22].

The dynamic mechanical properties of polyolefins are
related to the branch distribution because of its dependence
on crystallinity and phase distribution. Below the melting
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temperature, the polyethylene shows three transitions, or
relaxations, designated asa, b andg, that can be detected
by dynamic mechanical thermal analysis (DMTA) [23]. The
a-relaxation temperature is associated to modifications in
crystalline domains previous to melting and it depends
mainly on the crystallite thickness and on the method of
crystallization and recrystallization [24]. The interfacial
contents, representing a transition layer between the crystal-
line core and the amorphous domains, are identified by the
b-transition [25,26]. This transition is attributed to motions
that occur within the interfacial region associated with
lamellar crystallites. Theg-relaxation depends mainly on
the amorphous content [27], more specifically to the so-
called crankshaft mechanism, the relaxation of the hindered
rotation of four methylene groups.

Many efforts have been made to correlate molecular
structure to mechanical properties in ethylene copolymers
[28–30] and in blends of polyolefins [31–33]. In this work,
we investigate how the molecular structure of polyethylene
made with nickel–diimine catalyst affects its morphology
and dynamic mechanical properties.

2. Experimental

2.1. Polymerization

The polyethylene samples were synthesized using a
nickel–diimine catalyst precursor, with triisobutylalumi-
num or trimethylaluminum as cocatalyst, in homogeneous
polymerization reactor using chlorobenzene as solvent.
Polymerization conditions were: ethylene pressure of
1.08 atm, temperature of220, 0 or 308C, 80 ml of chloro-
benzene, 10mmol of nickel complex, 1,4-bis(2,6-diisopro-
pyphenyl)-acenaphthenediimine-dichloro-nickel(II), and
aluminum to nickel molar ratio of 200. More detailed infor-
mation was published elsewhere [8].

2.2. 13C NMR

The polymer microstructure was qualitatively and quan-
titatively analyzed by 13C nuclear magnetic resonance
(NMR) spectroscopy. The branches were classified as
methyl, ethyl, propyl, butyl, pentyl and hexyl1 (hexyl
and longer) according to previous work [9]. The spectra
was obtained with a Varian Inova 300 spectrometer operat-
ing at 75 MHz, at 80 or 1208C, with a 71.78 flip angle,
acquisition time of 1.5 s and delay of 4.0 s. Sample solutions
of the polymer were prepared ino-dichlorobenzene and
benzene-d6 (30% w/v) in a 5-mm tube.

2.3. Gel permeation chromatography

The molecular weight (MW) was evaluated by gel
permeation chromatography (GPC) with the Waters
150CV system equipped with three columns Styragel
HT3, HT4 and HT6 (103, 104 and 106 Å, respectively) and

a refractive index detector. Analyses were undertaken using
1,2,4-trichlorobenzene as solvent (with 0.5 g/l of Irganox
10/10 as antioxidant) at 1408C and the MWs were calculated
using a universal calibration curve built with polyethylene,
polypropylene and polystyrene standards (American Poly-
mer Standard Corporation).

2.4. Crystallization analysis fractionation

Crystallization analysis fractionation (CRYSTAF) was
performed using the Polymer ChAR CRYSTAF 200 equip-
ment. Approximately 5 mg of sample was dissolved in
30 ml of 1,2,4-trichlorobenzene used as solvent (with
0.5 g/l of Irganox 10/10 as antioxidant). Sample dissolution
was done at 1608C for 30 min followed by 60 min of equili-
brium period at 958C. The crystallization rate was 0.18C/min
from 95 to 108C. The CRYSTAF 200 equipment was cooled
below room temperature with liquid nitrogen.

2.5. Film preparation

Differential scanning calorimetry (DSC) and dynamic
mechanical thermal analysis (DMTA) data were evaluated
from films. Polyethylene films were prepared in a Carver
press Monarch series, model 3710 ASTM. The polymers
were pre-heated for 2 min at 1608C between the press plates
without pressure and then pressed by 2 min at 3 kgf/cm2 at
the same temperature. After this time, the pressure was
released and the films were controlled cooled down to
room temperature at the cooling rate of 10 or 18C/min, or
quenched in water-ice bath or liquid nitrogen. The film
thickness was 0.15 mm̂ 0.02.

2.6. Differential scanning calorimetry

A Thermal Analyses DSC 2010 calorimeter was used to
determine melting temperatures. Discs cut out from films
were heated in closed pans from room temperature to 1608C,
held at this temperature for 4 min, cooled down to21508C,
and then heated again to 1608C. The heating and cooling
rates were 108C/min. The analyses were performed under
nitrogen flux. Melting point temperatures and degree of
crystallinity were determined in the second scan. Degree
of crystallinity (l c), was calculated from the DSC traces
using the enthalpies of fusion of the perfectly crystalline
polyethylene (293 J/g [34]).

2.7. Dynamic mechanical thermal analysis

The dynamic mechanical tests were done using the MK II
DMTA Polymer Laboratories instrument operating in the
tensile mode. The sample dimensions were 0:15× 7:0 ×
12 mm3

: Measurements were taken at 1 Hz. The tempera-
ture was raised from2150 to 1508C at a scanning rate of
28C/min.
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3. Results and discussion

3.1. Chain microstructure

The polyethylene samples studied herein had different
SCB distribution, which led to distinct thermal and dynamic
mechanical properties. Table 1 shows some properties for
these polyethylenes and Table 2 presents a more detailed
microstructure characterization by13C NMR.

Sample B contained only methyl branches, while others
samples had methyl and longer branches. However, the
following pattern of distribution was found: 1,4-separated
methyl, 1,5-separated methyl, 1,6-separated methyl and 1,4-
separated long branches. The 1,4-separated methyl nomen-
clature, for example, indicates the relative position of the
next neighbors to the branch in the backbone, in this case a
methyl branch separated from other branches by two –CH2–
units [9]. The other branch types (methyl, ethyl, propyl, and
so on) were assumed to be randomly distributed along the
backbone [11]. The backbone of samples with low methyl
branch content was similar to that of ethylene–propylene
random copolymers. The backbone of the high-branched
samples, H or G, had a singular structure, which would
be similar to that of copolymers of ethylene and mixtures
of a-olefins.

3.2. Crystallinity

The difference in SCB produced materials with distinct
thermal responses and morphology. Some samples had a
well-defined melting peak while others had a broad melting
transition. The highly branched samples did not have a melt-
ing transition. The melting temperatures (Tm), crystalline
contents (l c) and melting ranges observed with DSC for
the several polyethylene samples are shown in Table 1.
Fig. 1 shows selected DSC traces. The experimental uncer-
tainty in measuring the transition temperature during DSC

was smaller than 0.28C while crystalline contents reported
here have uncertainty of̂ 6%.

As the SCB increases, the linear sequences get shorter
and cause the polymer to crystallize at lower temperatures
and in smaller, less perfect structures, affecting the morphol-
ogy [35]. The broad melting ranges presented in samples D
and E can be attributed to a broad distribution of lamella
thickness.

In crystallization analysis fractionation (CRYSTAF), the
polymer chains crystallize from dilute solution. Cocrystal-
lization effects and chain entanglement, commonly present
in DSC, do not affect CRYSTAF analyses to a significant
extent. Fig. 2 shows CRYSTAF curves from selected
samples. The crystallization peak temperature (TC) observed
with CRYSTAF is also shown in Table 1.

Samples A, B and C had higherTCs, indicating a low
SCB. This was in agreement with SCB content obtained
by 13C NMR, as indicated in Table 2. Sample A had the
crystallization peak temperature at 80.88C, which was close
to the temperature of linear polyethylene�TC � 858C� [36].
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Table 1
Properties of polyethylenes made with nickel–diimine catalyst. (Tm, melting temperature in DSC;l c, degree of crystallinity evaluated by DSC;Tg, g relaxation
peak at DMTA;Tb, b relaxation peak at DMTA,Ta 0,a: a relaxation peak at DMTA;TC, CRYSTAF distribution peak)

Sample Mw × 1023 (g/mol) Mw/Mn Cooling rate (8C) Tm (8C) l c Tg (8C) Tb (8C) Ta 0 (8C) Ta (8C) TC (8C)

A 329 1.5 210 124 0.54 2107 26 – 99 80.8
Ai Icea 124 0.49 2 109 – – 74 –
B 184 2.1 210 118 0.41 2107 216 – 86 74.5
C 142 1.5 210 120 0.52 2107 – – 90 75.7
D 470 2.1 210 84 0.27 2113 217 – – 42.1
E 354 2.1 210 75 0.44 2120 230 – – 32.7
F 619 2.3 210 86 0.50 2110 215 12 – 45.8
Fa 21 88 0.42 2116 222 32 – –
Fi Icea 83 0.25 2115 220 67 – –
Fn N2(L)

b 89 0.38 2115 221 – – –
G 161 2.2 210 – 0 2116 258 – – –
H 137 2.2 210 – 0 2113 260 – – –

a Sample quenched in ice-water bath.
b Sample quenched in liquid nitrogen.

Table 2
Short chain branch distribution in polyethylene made with nickel–diimine
catalyst analyzed by13C NMR (branches per 1000 C in the backbone)

Branch Sample

B C D E F G H

Methyl (total) 12.9 13.3 30.7 33.3 34.4 55.4 66.6
Methyl-1,4 1.0 0.4 4.0 2.3 8.5 18.4 25.3
Methyl-1,5 0 0 0 0 0 6.9 8.8
Methyl-1,6 0 0.2 14.5 6.0 14.5 12.8 16.6
Ethyl 0 0.4 4.5 4.9 5.4 10.1 13.8
Propyl 0 1.3 1.3 6.9 5.4 10.6 3.7
Butyl 0 0.2 2.8 2.8 3.0 11.1 11.1
Pentyl 0 0 0 0 0 3.5 3.5
Hexyl and longer (Bn) 0 0 1.7 0 0 16.8 16.8
1,4-Bn 0 0 2.3 0 0 3.2 7.0
Total branched carbons 12.9 15.2 42.6 48.0 48.1 107.5 121.5



Although the branch content of sample A was not measured
by 13C NMR, its higherTC (in CRYSTAF) and higherTm (in
DSC) than sample B suggest that sample A has fewer
branches than sample B. Samples B and C had a narrow
distribution of SCB distribution withTcs centered at 74.5
and 75.78C, respectively. Although both samples B and C
had a similar SCB distribution, they did not have the same
CRYSTAF profiles. The CRYSTAF curve of sample C was
narrower than that of sample B and the peak is located at a
higher temperature. However, the differences of molecular
weight and polydispersity between samples B and C (Table
1) are small and such effect is believed to be minimal in
CRYSTAF because crystallization occurs from diluted solu-
tion [37]. The difference in CRYSTAF profiles of samples B
and C is attributed to different SCB distribution in these
polyethylene samples.

The broad CRYSTAF traces of samples F and D and the

tails indicate that these samples had a less uniform inter-
chain SCB distribution. Sample E had a narrower distribu-
tion than F, but the total number of branched carbons was
the same. Probably, the differences observed in the CRYS-
TAF profiles among samples D, E and F are related to the
methyl branch distribution (Table 2). Sample E had methyl
branches distributed more separately than the other two
samples D and F because the number methyl-1,4 and
methyl-1,6 branches were considerably smaller in sample
E (17%) than in samples D (43%) and F (48%) affording
longer methylenic segments and, consequently, higherTC.

CRYSTAF gives information about the composition
heterogeneity because its profiles are related to the distribu-
tion of crystal thickness [38,39]. Polymer chains precipitate
from solution at a given temperature as a function of the
length of their longest methylene sequence. The understand-
ing of the interchain compositional heterogeneity has been
shown to be of extreme importance to explain the mechan-
ical behavior, like fracture toughness of linear low-density
polyethylene [40].

DSC and CRYSTAF for the samples with high SCB (G
and H) failed to give useful information about SCB distri-
bution. DSC traces showed a transition in the range of260
to 108C approximately. Some authors have identified such
transition as being the second glass transition temperature in
ethylene copolymers [41]. In these polyethylenes, the length
of crystallizable methylene sequences were not uniform due
to the diversity of chain branches and their distribution. It
produced a very broad distribution of crystal thickness that
caused a broadening of the melting peak and, in more
limited cases, the formation of an extremely large or even
not detectable melting peak. No CRYSTAF peak could be
seen because the samples did not crystallize within the
experimental temperature range used for crystallization.

3.3. Dynamic mechanical properties

The storage moduli measured with DMTA are shown in
Fig. 3. Below2508C, all samples had nearly the same stiff-
ness, with storage modulus varying from 109 to 1010 Pa.
Above 2508C, the real part of the modulus could be sepa-
rated, according to stiffness, in three different groups.

The moduli of the samples with low SCB content (A and
B) decreased from250 to 1308C and the values were in the
range of linear polyethylene, i.e. around 108 Pa. For the
samples D and E, the storage modulus decreased from
109 Pa, at 2508C, to less than 107 Pa at about 1008C.
These values covered the range from linear low-density
polyethylenes to very low-density polyethylenes made
with Ziegler–Natta or metallocene catalysts [42,43]. One
can see, from the above comparison, that an increment of
SCB content had the effect of an efficient plasticizer [44].
Samples G and H, with highest SCB, showed a deep change
in the storage modulus, from 109 Pa at2508C to 106 Pa,
around 508C, far below of values commonly seen for very
low-density polyethylenes.
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Fig. 1. Melting traces runs of nickel–diimine catalyzed polyethylenes.

Fig. 2. Crystallization analysis fractionation profiles of nickel–diimine
catalyzed polyethylenes.



The a-, b- andg-transitions [45] can be seen when the
mechanical damping (tand ) is plotted against temperature.
The peak temperatures,Ta, Tb andTg corresponding to each
transition, respectively, are shown in Table 1.

Theg-transition is mainly an amorphous-phase relaxation
process [27]. At the molecular level, it is attributed to the
relaxation of hindered rotation of –CH2– groups in the
amorphous phase [46]. The tand traces (Fig. 4) showed
that theg-transition temperature (Tg) was nearly the same
for all samples. It had the onset at21208C and finished at
21068C. Samples with smaller SCB content (A, B and C)
had a more intenseg-transition. An increment in the SCB
content decreased the linear –CH2– segments available to
take part in the rotation process [47]. In Fig. 5, the tand
traces of samples with high SCB, G and H, are compared to
the sample D. One can see that theg-transition did not
decrease in intensity with increasing SCB content. Indeed,
samples G and H had branches with up to six carbons or
more, which could contribute to the intensity ofg-relaxa-
tion. A Monte Carlo simulation of the SCB distribution
predicted that branches longer than six carbons must be
present in these samples altogether [11]. This may suggest
that in these high-branched samples (G and H), the carbon
atoms from branches with more than six carbon atoms
would be contributing to increase theg-transition intensity.

Theb-transition has been related to diffusional motion of
amorphous chain segments containing branch points and
that the branch points cooperate with main and side chain
groups on that motion [50]. More recently, theb-transition
has been attributed to segmental motions occurring within
the crystal–amorphous interfacial regions [26]. It is also
known that an increment in the number of side chain
branches increases theb-transition intensity [44]. In
samples with low number of SCB (A–C), theb-transition
appeared with low intensity and as a weak shoulder in thea-
transition peak (see Fig. 4).

Thea-transition was related to segmental motion within
crystals prior to melting [23,24]. It was also reported for

low-density polyethylene having branches longer than
hexyl [48]. Samples A–C, with low SCB, showed a marked
a-transition. The differences observed between thea-tran-
sition on samples A–C may be attributed to differences in
MW and methyl branch distribution.

Sample E, with 48 branches per 1000 carbons (48
branches/1000 C), showed a markedb-transition. The
tand curves of sample D and F showed similar behaviors
between275 and 758C (Fig. 4), with ab-transition (left
peak) superimposed onto another transition (right peak).
The second peak observed might be due toa 0-transition.
The presence of twoa-relaxations is attributed to motions
within crystallites of different lengths from those giving rise
to thea-transition [26,28,44]. Samples E and F had approxi-
mately the same number of branches according to13C NMR
data (Table 2). The difference observed in theb-transition
might be attributed to the difference in branching distribu-
tion for these samples (see CRYSTAF curve in Fig. 2).

The b-transition of samples G and H appeared as an
intense and sharp peak at258 and2608C, respectively.
This is observed by comparing the tand traces of samples
G and H to the trace of sample D in Fig. 5. TheseTb were
shifted to lower temperatures than theTb of other samples
and their intensity decreased with the increment of SCB
content. Samples H and G had the highest SCB content
among the samples studied here, with 121.5 and 107.5
branches/1000 C, respectively. Popli showed that the inten-
sity of theb-transition is substantially increased by raising
the interfacial content [24]. DSC and CRYSTAF failed to
detect theTm andTC, respectively, in samples G and H.

Copolymers of ethylene anda-olefins synthesized using
metallocene catalytic systems, which produce an uniform
branch distribution, have shown similar behavior in terms
of a-, b-, andg-transition [49]. Sample A had theTa and the
intensity ofa-transition similar to that of ethylene homo-
polymer made with metallocene catalyst. Theb-transition
of samples E and F (ca 50 branches/1000 C) were less
intense than theb-transition showed by ethylene/1-octene
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Fig. 3. Storage moduli (E0) of nickel–diimine catalyzed polyethylenes.
Fig. 4. Mechanical damping (tand) of nickel–diimine catalyzed poly-
ethylenes. Thea, b andg-transitions.



or 1-decene (10% mol or ca 50 branches/1000 C) andTb of
samples E and F were higher than for the ethylene copoly-
mers, since close branches make the –CH2– longer and
consequently leading to a higherTC.

Boyer has interpreted theb-transition as the upper glass
transition,Tg(U), occurring in amorphous debris arising from
imperfect chain foldingaction.This transitionwasdisplaced to
lower temperatures when the crystallinity was decreased and
appeared at2788C for the total amorphous polyethylene [50].
Theb-transition reported in thiswork followed the same trend.
However, the materials without crystallinity (G and H) had the
b-transition peak at2608C (Table 1).

The above discussion concludes that understanding the
nature ofb-relaxation is a fundamental point to correlate
structure–property, but the true mechanism remains
unclear. Theb-transition seems to be related to branched-
point relaxations indeed, either if they are related to an
interfacial phase or to a low-oriented phase.

3.4. Thermal treatment

Polymer response to thermal treatment is important to
determine the properties and to find both the conditions to
process the material and the appropriate final use. The
importance of temperature-cooling rate over polymer
morphology is well known [51]. The effect of thermal treat-
ment was studied with samples A and F using films prepared
in different cooling rates or quenching. The new samples Fa,
Fi and Fn were prepared from polymer F and the sample Ai
was prepared from polymer A. For samples Ai and Fi, the
melted films were quenched on a ice-water bath. In the
sample Fn, the melted film was quenched in liquid nitrogen.
For sample Fa, the melted film was cooled down to room
temperature (308C) at the rate of218C/min. These different
thermal treatments were compared to the one done for the
others samples (including samples A and F) where these
films were cooled down to room temperature at the rate of

2108C/min. The cooling rates and DMTA results are shown
in Table 1.

Fig. 6 shows the tand traces of sample F submitted to
different thermal treatments. The thermal treatment did not
affect the onset ofa-transition for samples F and Fa, which
were controlled cooled down from the melt. However,
samples F and Fa had thea-transition with higher intensity
than samples Fi and Fn (quenched samples), probably
because the slow cooling allowed crystals to grow. Theg-
transition appeared to be more intense in both quenched
samples indicating the presence of more amorphous phase.

The intensity ofb-transition on samples of family F was
notably affected by thermal treatment although the onset of
b-transition had not been affected. Between275 and 808C,
the tand of sample Fa had the same two peaks present in
sample F, theb-transition (left peak) and thea 0-transition
(right peak). Furthermore, the temperature ofa 0-transition
was higher and such transition was more intense in samples
Fa than in sample F. The quenched samples Fi and Fn had a
lack ofa 0-transition but a more intenseb-transition peak. It
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Fig. 5. Mechanical damping (tand) of nickel–diimine catalyzed poly-
ethylenes.

Fig. 6. Mechanical damping (tand ) of nickel–diimine catalyzed polyethy-
lenes. The effect of thermal treatment in films overb anda 0-transition.

Fig. 7. Mechanical damping (tand ) of nickel–diimine catalyzed polyethy-
lenes. The effect of thermal treatment in films overa-transition.



is clear that the dynamic mechanical properties were
strongly affected by the thermal treatment and likely the
interfacial phase present in sample F.

Other authors reported that measurements of mechanical
properties on polyethylene with less than 21 SCB per 1000
carbons submitted to thermal treatment (slow cooled or
quench) did not change enough the crystallinity to affect
the transitions in the mechanical properties [29].

In samples with low SCB content (A–Ai), the thermal
treatment changed both the peak position and the intensity
of a-transition. Sample A had the peak at 998C while sample
Ai (quenched in ice-water bath) had the peak at 748C. The
b-transition, in samples of family A, appeared as a small
shoulder in thea-transition peak, see Fig. 7. Theg-transi-
tion appeared to be more intense in the quenched polyethy-
lene indicating that more chains were trapped in amorphous
regions during the rapid process of freezing.

4. Conclusions

The polyethylenes obtained with nickel–diimine catalyst
can cover a broad range of properties, varying among plas-
tics, plastomers and elastomers. The main reason for differ-
ent properties is the differences in microstructure due to
short chain branching (SCB) content.

The values of storage modulus (E0) ranged from values of
linear polyethylene to below the values of very low-density
polyethylene.

The tand traces of samples with low methyl branch content
(,20 branches/1000 C) showed theb-transition as a small
shoulder in thea-transition. In samples with medium SCB
content (ca 50 branches/1000 C), two superimposed transi-
tions could be seen between275 and 758C attributed to the
b-transition and thea 0-transition. Thermal treatment of these
samples may affect the distribution of material among amor-
phous, interfacial and crystalline domains.

The high-branched polyethylene (.100 branches/1000
C) did not develop detectable crystallinity. They showed a
strong and sharp transition in the temperature range ofb-
transition, exhibiting rubbery character.
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